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Abstract

This paper describes the characteristic features of high temperaturs de-
Formatien in dispersion—strengthened materials. It focusses on "reaction-
milled" aluminum alloys containing oxide and carbide dispersoids: the micro-

high temperature creep properties are deseribed,
are then interpreted in the light of a new model-based constitutive equation
and compared with those of other dispersion~strengthened materials. Require-

ments for optimum high-temperature performance of such alloys, ineluding an
optimized grain structure, are discussed,

The experimental reasults
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Introduction

Dispersion strengthening is an efficient way ol rtaising the temperature
capability of metallic materials. It has been shown for numerous alloys sys—
tems that the natural tendency of metals to soften with increasing tempera-—
ture {s counteracted by the presence of hard dispersoid particles whose vol-
ume fraction is usually of the order of anly some percent. In mechanistic
terms. these dispersoids act as barriers to dislocation motion, even at tem-
peratures close to the melting point. The dispersoids, which must be lher-
milly stable and insoluble in the matrix, can be incorporated by powder-met-—
allurgical processes ({"mechanical alloying"). Successful examples of the
realization of this principle are dispersion-strengthened superalloys (N1
and Fe basis)., whose useable service temperatures can be up to 90 X of the
absolute melting points, see e.g. {1},

Compared ta these developments, the high-temperature capability of alu—
minum-base materials has not been exploited up to mow, although many impor-
tant applications for such materials can be envisaged. Because of the low
solubility of other elements in aluminum, particle dispersions can be readi-
ly produced by precipitation reactions. However, such dispersions are gener-—
ally not idea! from a thermodynamic point-of-view: while the precipitates
lead ta high roomtemperature strength, they tend to lose their effective—
ness at elevated temperatures because of ageing. After early suggestions hy
E. Schmid (2) to incorporate hord, insoluble particles, this principle was
Iirst uged in the fifties in Alz03-strengthened aluminum developed by Alu-
suisse (3-5). This material, which has come to be known as "SAF", was pro-
duced by milling Al powder under oxidizing conditions. and subsequent com—
paction by extrusion. High price, low ductility and poor reproducibility of
properties prevented wide-spread application of SAP.

Methods of dispersing stable particles 1in aiuminum by mechenical means
were taken up again in the geventies by J. Benjamin (“Mechanical Al loying",
e.g. (6)) and G. Jangg ("Reaction Milling", see e.g. (7}). In both proces-—
ses, powders are ground, generally in attritors; in addition to oxide par-—
ticles from surface oxides on the povder particles, dispersoid particlas are

produced in the material by remction with an organic lubricant or fine car-—
bon black, respectively.

The focus of the experimental work described in this paper is on disper-
slon-strengthened aluminum alloys produced by "Reaction Milling". The micro-
structure of these materials was studied by transmission electron microsco-
py, and the high-temperature creep properties were measured at temperatures
up to 500 *C (773 K). The results exhibit all the characteristic features of
dispersion-strengthened materdials; they will be discussed in the larger con-
text of dispersion strengthening in general: recent developments in the the-
ory of dispersion strengthening at high temperatures will be described and
the data will also be compared with those of other dispersion-strengthened
materials. Finally, requiremsnts for optimum behavior at very high tempera—
tures will be identified and discussed in relatlon to possible future alumi-
num alloys for high-temperature uge.

Microstrueture of Disparsjon-Strengthened Aluminium

Alloys Procuded by "Reaction Milling"

In comparisen to conventional aluminum alloys,
exhibits several microstructural features which are due to the special pro-
cessing route and the relatively large amount of second phase. In principle,
the processing encompasses the following steps: powder atomization, powder
milling with addition of carbon black, heat treatment, cold compaction, de-

reaction-milled material
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gassing, and hot extrusion {(for a recent reviey
alloys studied differed in volume fraction of
Table I); for comparison, an alloy variant with
a solute strengthened metrix material (
results of the micrestructural investi
for further details the reader is refe

of the process sae (8)). The
C added during milling (see
no carbon added ("A100™) and
VAlMg4C1") were also included. Some
gatlons are reported in this section:
rred to a forthcoming publication (g),

Table 1. Details of AlC Allovs Investigated
(Tradename DISPAL, Krebstge and Erbslsh Aluminium)

Material c 0% | Mg total fv °| prain size b, um GARs
Alcz 20 1 |- 10 0.7 (0.5) 1.6
AlC1 1| 3 (= g 1.2 (0.8) 1.8
AlMg4Cl 11 |4 g d (d)
AlCO - 1 - 2 1.9 (2.8) 2,1

estimated weight percentage

theoreticel value {eq. 1) in parenthesis
GAR = grain aspect ratio

not determined

estimated total volume fraction of dispersoid

[+ 1= Fille B = o ]

Investigation of the Dispersoid Particles

Alumina Dispersoids. In AlQY the only dispersoid present is aluminum
oxide, which originastes from the powder particle surface,
in fig. 1 shows that only a certain fraction of the parti
homogeneously in the matrix, whor
parallel to the extrusion directien

oxide/bydroxide., Since these amorphous layers are balieved to be ductile

(10, 11), their breaking up and distribution is incompleta; the remaining
oxide films arc then fractured and aligned during hot extrusi

on.

Figure 1 ~ TEM micrograph of alloy ALCO, longitudinal section, showing
predominantly the alumina dispersoid aligned in the extrusion direction.
The grains are clongated with an average aspect ratio of about 2.1.
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The shape of the alumina dispersoids is generally eguiaxed, with a mean
diameter of about B0 nm {fig. 2a). From selected area diffraction patterns,
the erystal structure can be narrowed down to 7- or n-Alz03 (fig. 2b). He-
cause of almost identical lattice spacings, we cannot distinguish unambigu-
ously between these two modificationd: in the literature the oceurrence of
7-Al203(12~14), and sometimes of nAl203(15) and a-Al203(16) is reported.

Figure 2a — TEM micrograph of

Figure 2b - Diffraction
as 7~ or n-AlsDs,

pattern, idontifying the dispersoids
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Carbide Dispersoids. When carbon is adde
AlC1, AlCZ), then characteristic platelike dispersoids form on appropriate
hent treatment (fig. 3a). These dispersoid
electron diffraction (fig. 3b).
tendency of AlsCi to fracture along the basmnl plane (17). High Tesolution
imaging ({ig. 4) shows in fact that the {003)
allel to the partiele contour, The carbide dispersoids are, like the oxides,
incoherent with the matrix and dy not exhibit preferrred orientations. Their
characteristic thiclmess is about 90 mm, their mean length about 80 nm, The

distribution appears to be more Domogeneous than that of the oxide disper-
soids.

Figure 3b - Diffraction pattern, identifying AlsCy.
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The shape of the alumina dispersoids is generally cquiaxed, with a mean
diameter of about 50 mm (fig. 2a). From sclected area diffraction patterns,
the crystal structure can be narrowed down to 7- ar 1-Alz03 (fig. 2b). Be-
cause of mlmost identical lattice Bpacings, we cannot distinguish unambigu-
ously between these two modifications; in the literaturc the accurrence af
T~Al203(12-14), and sometimes of 7-A1z203(18) and a-Al203(16) 1is reported.

Figure 2b - Diffraction pattern,
a5 T~ or 7~-AlaQ0;.

identifying the disperseids
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Carbide Dispersoids. When carbon is added during powder milling (alloys
ALC1, AlC2), then characteristic Platelike dispersoids form on appropriate
heat treatment (fig, 3a). These dispersolds can he identified as Al4Cs by
electron diffraction (fig. 3b). Their morphology may be attributed to the
tendency of Al4C3 to fracture along the basal plang (17}. High resolution
imaging (fig. 4) shows in fagg that the (003) basal Planes are oriented par-
allel to the particle contour, The carbide disperspids are, like the oxides,
incoherent with the matrix and do not exhibit preferrred orientations., Their
characteristic thickness is about 20 nm, their mean length about 80 nm. The
distribution appears to bg more homogenecous than thap of the oxide disper-

W L

Figure 3b - Dilfraction paltern, identifying Al4Cs.
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Figure 4 - High resolution TEM micrograph of a carbide dispersoid.

Magnesia Dispersoids. The microstructure and a diffraction pattern of
the Mg-containing alloy AIMg4Cl are shawn in fig. 5. In agreement with (18},
Mg0, which is thermudynamically more stable, is found to replace Al;03. Be-
cause the oxygen content of the alloy is about 1 WL.X, 1.5 wt.% Mg is re-
quired to form Mg0 and only 2.5 wt.%¥ Mg is left in solid seolution, The dis-
persoid volume fraction is not significantly changed, as 1 % of oxygen gives

e

Figure 5a - TEM micrograph of magnesia dispersoids in alloy AlMgdCl.
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Figure &b - Diffraction pattern.

Grain Structure

Besides the dispersoid particles, the grain structure 1s also important
for the mechanicnl bebavior, A characteristie feature of all reaction-milled
. Which contributes sig-
nificantly to the room—-temperature strength. The
the totanl dispersoid eon tent (tabla I}, indicating that grain growth is con-

trolled by the dispersoid particles. A rough estimate [for the Zener grain
size d is

qa~2R

. (1)

where 2R 1&g the particle size and fy the volume fraction of dispersoid.
These values are 1in reasonable mgreement with grain sizes, measured on

planes perpendicular to the extrusion direction, for the three different
volume fractions,

In = plane parallel te the extrusion axis, the grains have a slightly
clongated shape (figs. 6b and 1), with the grain aspect ratio (GAR) depend-
ing on dispersoid volume fraction (table I): while alloy AlC2 consists of
only weakly elongated graing (GAR ~ 1.6), AICO {which was milled without any
addition of carbon} exthibits a more elongated grain stucture (GAR ~ 2.1).
This dependence arises due to the more strongly nligned oxide particles in
AlCO, which act as barriers to grein boundary motion perpendicular to the
eXirusion axis. The grains are belisved to form by dynamic recrystallzacion

during hot extrusion, which is also supported by the low dislocatien density
in as-extruded material.
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Figure 5b - Diffraction pattern.

Grain Structure

Besides Lhe dispersoid particles, the grain structure is
for the mechanical behavior, A characteristic Feature of all reaction-milled
alloys is their [ine sub-micron grain size (fig. 6), which contributes sig-
nificantly to the Foom—temporature strength. The grain size correlates with
the total dispersoid content (table 1), Indieating that grain growth is con-

trolled by the dispersoid particles. A rough estimate far the Zener grain
size d is

also important

&/ (1)

v

d ~

where 2R 1s the particle size and f, the volume fraction of dispersaoid,
These values are 1in reasonable agreement with grain sizes, measured on

planes perpendicular to the extrusion direction, for the three different
valume fractions,

In a planc paralle]l to the extrusion axis, the grains have a slightly
clongated shape {figs. Gb and 1}, with the grain aspect ratio (GAR) depend-
ing on dispersold volume fraction (table I): while alloy AlC2 consists of
only weakly elongated grains (GAR ~ 1.6}, AlCO (which was milled wi thout any

extrusion axis. The grains are belicved to form by dynamic recrystallzation
during hot extrusion, which is alsy supported by the low disloeation densi Ly
in as-extruded materinl.
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Figure 6 - TEM micrographs of alloy A1C2:
a) transverse section.

b) longitudinal section, with extrusion axis along
disgonel from lower left top upper right corner.

In the 1i terature the fine graing in similar allp
tified as subgraing {12). In the Present study,
divide elongated graing into smaller entities,
ally (fig. 7}. A full analysis of misorientat
Was not conducted, byt subgrain boundaries can
boundaries by the Presence of typical dislocatip,
higher volume fractions of dispersoid, in whic
very small, contain Practically ng Subgrains.

Y8 are sometimes iden-
subgrain bounda.ries, which
Wwere observed only occmsion—
ilons between adjacent prains
be distinguished from grain
N Brrays. The materials with
h the grains themselves are
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Figure 7 - Subgrain boundary composed of discrete
lattice dislocations in alley ALCD.

High Temperature Creep Behaviar

In this section the results of creep tests on alloys AlC2, AlC1,
AlMg4Cl, end AlQO are presented. In order to clarify the effact of grain
boundaries, creep measurements on grain—coarsened materials were conducted
also. An interpretation of the "anomalous" stress and temperature dependen—
cles 1s atrempted in the frame of the current "threshold stress' concept,

The description of recent micromechanistic modelling is postponed to the
following section.

Experimental Creep Data and TEM Results

The high temperature creep properties of the AIC alloys were measured at
B73, 673, and 773 K. Compression tests at constant displacement rates corre-
sponding to strein rates between 10-7 and 103 s-! were conducted in an
electromechanical testing machine, equipped with an RF induction coil heat-
ing. The load response, which epproached a steady state after = short inie
tial period, was recorded and the load at steady state was converted into =

creep stress. The stress direction was always parallel to the extrusien
axis.

In general, the straln rate & of a materinl deforming by creep czn be

described by a semi-empirical powver—law function of the applied stress o
(18):

DvEb

=4 T (%)“ 2

where n 1s the "stress exponent" {typleally 3 to 7 for dispersoid-free al-
loys), Dy 1s the volume diffusivity, E Young's modulus, b the magnitude of a
Burgers vector., kp Boltzmann's constant, T the absolute temperature, and A a
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Figure 6 - TEM micrographs of alloy AlC2:
a) transverse section.

b) longitudinal sgction, with extrusion axis along
diagonal from lower left to upper right corner.

In the literature the fine graina in similar alloys are somatimes iden—
tified as subgrains (12). In the present study, subgrain houndaries, which
divide elongated grains into smaller entities, wern observed only ocecasion—
ally (fig. 7). A full analysis of misorientations between adjacent graing
¥as not conducted, but subgrain boundaries can be distipguished from grain
bhoundaries by the Presence of typical dislocation arrays. The wmuterials wilh
higher volume fractions of dispersoid, in which the grains themselves arco
very small, contain practieally ne subgrains.

38



Tigure 7 - Subgrain boundary composed of discrete
lattice dislocations in alloy AlCD.

High Temperature Cresp Behavior

In this section the results of creep tests on elloys AlC2, AlCH,
AlMg4Cl, and ALOD are presented. In order tao clarify the effect of grain
boundaries, creep measurements on grain-comrsened materials were conducted
elso. An interprctation of the "anomalous" stress and temperature dependen—
cles is attempted in the frame of the current "threshold stress" concept.

The description of recent micromechmnistic modelling is postponed to the
following section.

Experimental Creep Data and TEM Results

The high temperature creep properties of the A1C alloys were measured at
573, 673, and 773 K. Compression tests at constant displacement rates corre-
sponding to strain rates between 1077 and 10-? s-! were conducted in an
electromechanical testing machine, equipped with an RT induction coil heamt-
ing. The load response, which approached a steady state after a short ini-
tial period, was recorded and the load at steady slate was converted into a

creep stress. The stress direction was always parallel to the extrusion
axis.

In general, the strain rate € of a material deforming by creep can be

described by a semi-empirical power-law function of the applied stress o
(18):

. _ a1 . DvEh om 9
E=A kBT(E 2

where n is the "atress exponent" (typieally 3 to 7 for dispersoid-free al-
loys), Dy is the volume diffusivity. E Young's modulus, b Lhe magnitude of a
Burgers vector, kg Boltzmann's constant, T the absolute temperature, and A a
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dimensionless material constant, As is common practice, the test results are
plotted in fig, B in temperature-compensated form &/0, vs. o/E (the remain-
ing temperature dependence of E/T can always bae neglected in this context).

AlC2
10"
10"
" 1
& 10 &
- ]
o
= w0’ 0
0L @ 573K
o 673K
A n=13 o 773K
10 5 3 1 —t 1 s
0.4 06 08 10 20 30 40

G/E1D?

Figure 8 ~ Compression creep results, plotted in compensated
form &£/Dy vs. 6/E. Dy = 1.7 x 10~9 exp(- Q,/RT) m*/s, with
Qv = 142 kJ/mole, and E = 58.5 GPa, 54.9 QPa end 51.2 GPa at
573. 673 and 773K, respectivaly.
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The following characteristiocs, which are typical of many dispersion-
strengthened materials, can be found in fig. 8. All alloys bave a region of
extremely high stress sensitivity, with stress exponents n > 50. The creep
rates are many orders ol megnitude lower than in pure aluminum. TEM micro-
graphs confirm that the mechanism controlling creep strength in this region
is the interaction between single lattice dislocations and dispersoid par-
ticles (fig. 9a): the dislocation density is low and no dislocation networks
are observed. At higher creep rates (&/Dy > 10'? m2), the stress sensiti-
vity decreases progressively; here the dislocation density increases and
Nelworks, which are stabilized by larger dispersoid particles, are formed
(fig. Sb). The ereep strength is still considerably better than in pure alu-
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minum. At low strain rates and high temperatures {low é/Dv) the stress expo-
nonts decrease, too. This effect is especially pronounced in alloys ALCZ2 end
AlMg4Cl, vhich exhibit a very fine grain structure, but is also evident in
AlCO and AlCl. As will be discussed below, this is a consequence of grain
boundary processes which become dominant at high temperatures.

Figure 9 ~ TEM micrographs of crept specimens:
2) at intermediate strain rates (high n-region),
showing interaction of a single dislocation with
a carbide dispersoid in alloy AICS.

b} at higher strain rates, with network formation in alley AlC2.

Another important characteristic relates to the temperature dependence
of tht_a creep rate. The fact that the data for different temperatures do not
superiwpose on the temperature—compensated plot in fig. 8 indicates that the
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activation energy is higher than that for velume diffusion. A simple Arrhe-
nius plot log & vs. I/T gives an apparent activation energy of 537 kl/mole
for alloy AlCD, compared to 142 kJ/mole for volume diffusion in aluminum
{19). Addition of Mg increases ths temperature dependsnce even further.

Both the high stress and temperature dependence of the creep retes in
the alloys investipated are typical of dispersion-strengthened high-tempera~
cure alloys. It is emphasized that Stress exponents of the arder of 50 and
activation energies far beyend that for diffusion can have only doubtful
physical meaning. In order to explain the behavior of such meterials in a
satisfactory way, new concepts have heen put forward which will be described
further below.

Grain-Coarsened Material

We turn first to the region of reduced stress sensitivity at low &/Dy.
Similarly shaped crecp plots have been attributed to the dissolutiun of dis—
persoids in TD-NiCr (21), to the effect of small-prain pockets in an other—
wisc coarse-grained Ni-Cr-Y203 alloy {(22), ard to the inereasing deformabi—
lity of intermetallic dispersoids in rapidly solidified Al-Fe-Ce (23), In
the fine-grained alloys Investigated, the grain boundaries would be the most
likely cause for this weakening effect. In order tu test this hypothesis,

some material was subjected ta a grain-coarsening treatmsnt and then creep
tested.

Uniform recrystallization to m coarse grein structure could be achieved
only in the alloy AlCO, after cold reduction from 12 to 3 mm diameter and
ennealing at temperatures arovund 550 °C. The resulting grains have typical
dimensions of 3 by 0.2 mm and an aspect ratio af about 15 (fig. 10). The
creep data at 773 K (also shown in fig., 8) give an increased stress exponent
n &% 60 and e consistently higher creep strength than in the fine-grained
state, Thus, the reduced stress sensitivity in the fine-grained waterial can
be attributed unambiguously to the effect of grain boundaries. As a conse—
quence, when isolating the influence of dispersoids on the grain strength,
only the regions of high stress sensitivity should be considered.

[

Figure 10 ~ Coarse elengated grain structure of alloy ALCO
after secondary recrystallization {longitudinal section)
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1 strain rates and high temperatures (low £/Dy) the stress expa—
:igi2|d2;re;:e? too. This cffect 1s especially pronuunced‘in alloys ﬁlCE‘und
AlMgdCl, which exhibit a very fine grain structure. but is also ev;@eut in
AlO0 and AICL. As will be discusscd below, this is a consequence al grain
boundary processes which become dominant at high temperatures.

Figure 9 - TEM micrographs of crept specimens:
a} at intermediate strain rates (high n-region),
showing interaction of a Single dislocation wich
a carbide disperspid in alloy AIC2.

b} at higher strain rates, with network formation in alloy AlC2,

Another impor
of the creep
superimpose o

tanc characteristic relates ro
rate. The fact that the data for dif
n the temperature-compensated plot

the temperature dependence
Ferent temperatures do not
n fig. B indicates that the
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activalien energy is higher thag that lor volume diffusion. A simple Arrhe-
nius plat log ¢ vs. 1/T gives AN apparent activarion energy of 537 kJ/mole
for alloy AlCO, compared ta 142 Kk]/mole lor volume diffusion in aluminum
(19}. Addition of Mg increases the temperature dependence even fur ther.

Bath the high stress and tem
the alloys investigated ure typic:
ture alloys. It is emphasized the
actlivation energies far beyond thac for diffust
physical meaning. In order to explain the bLechav
satisfactory way, new concepts hav
further below.

lor of such materials in a
e becn put forward which will be described

Grain—Coarsened Material

We turn first te the region of reduced
Similarly shuped ereep plois have been actri
persoids in TD-NiCr (21}, to the effect of small-grain pockets in an other-
wise conrsc-grained Ni-Cr-Y,05 alloy (22), and to the increasing deformahi-
lity of intermectallie dispersolds in rapidly solidified Al-Fe-Ce (23). In
the Fine-grained ulloys invesligated, the grain boundaries would be the most
likely cause for this weakening effect, In order to test this bypothesais,

same matorial wus subfected to o Evain-coarsening tremtment and then creep
tested,

Stress sensitivity mt low &/Dy.

Uniform recrystallization to a coarse grain Structure could he achieved
only in the alloy AlDO, after cold reduction from 12 to 3 mm diameter and
annealing at cemperatures around 550 °C. The resulting grains have typical
dimensiona of 3 by 0.2 nm and an aspect ratio of about 15 (fig. 10). The
crecp data at Y73 K (also shown in Tlg. B) give an increased Stress exponent

n % G0 and a consistencly higher creep girength than in the Fine-graeined
state. Thus, the reduced stregs sensitivity in che fine-

Figure 10 - Coarse elongated grain structure of alloy AlCO
after secondary vecrystallization (longitudinal scction)
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Threshoid Stress Coneept

The high stress and temperature dependencies of the creep rates in dis-~
persion strengthened materials are "anomzlous” in the sense i‘.bat eq. .2‘
whichk is a valid constitutive equation for dispersion—free materials, fails
to describe the behavior of dispersion-strengthened alloys. One possibilicy
ta rationalize the high stress sensitivity is to modify eq. 2 by introducing
a so-called "threshold stress”, below which creep is considered to be negli~
gible, e.g. (20):

a-o n
sadl 53%‘% ( Eth) (3)

In this wzy, more reasongble n values, typlcal of dispersion—free materials,
are usually obtained.

Threshold stress data were extracted from the creep datm in fig. 8 by
replotting &M vs. o, with n = 4.4 as for pure eluminum (18), and extrapo-
lating to é = 0. They are listed in table II.

Toble IT: Threshold stresses as a function of temperature

Allay B73 X 873 K T3 K
Alc2 111 o4 70
AlClL 70 59 38
AlMg4Cl 110 75 (2932
AlCO 47 36 3ok (25)u

a date with onset of grain boundary effects in parenthesis
b grain-coarsened material

In fig. 11 the threshold stresses of several dispersion-strengthened ma-
terials are plotted as oyp/onr vs. T/T,, where ooy is the estimated Orowan
stress and Tp the absolute melting (or solidus) temperature. In order to
compare the threshold stress data of the AlC alloys, the valuas of the Oro-
wan siresses would have to be known. Because of the complicated morphology
of the carbide dispersoids, their spacing is subject to large experimental
errors. We have therefore included only the data for ALCD, For which Lhe

Orowan stress cen be astimated from the room temperature yleld stress in the
coarse-grained condition (oo, = 75 Mra).

In mll cases the threshold stress is below the Orowan stress, and de-
creases with increasing tomperature. The coincidence of the data points from
the different alloy systems suggests that the Orowan stress 1s a useful mor—

malizing parameter and that similar mechanisms are rasponsible for the crecp
strength in these alleys.

The high apparent activation energy can also be rationalized by the
threshold concept if the temperature dependence of the threshold stress is
considered. For example, at a stress just below the threshold stress = tem-
perature increase will suddenly promotc cresp ms the threshold Falls below
the applied stress. Thus a high “apparent” activation energy for creep re—
sulis. With reference to eq. 3, the "true" value of the activation cnergy
can only be determined by plotting log (d&'”"/do) ws 1/T. In this way we ob-
tain @ = 123 kJ/mole, which is in acceptable agreement with the value Qy for
valume diffusion. Similar annlyses for other dispersion-strengthened mate-
rials lead to the same close agreement, even in coses where the "apparent”
activation energy amounts to three or four times Qy.
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Flgure 11 - Threshold stress {normalized with respect to
the estimated Orowan stress) as a function of homologous
temperature for Al1CD, and a number of other Al-, Fe- and
Ni-base dispersion—strengthened alloys.

In summary, the threshold atress concept has considerable merit for for-
mal rationalizetion of the creep behavior in dispersion-strengthened alloys.
It does not touch on the Fundamental questions: can a "true" threshold
stress, below which deformation stops completely, exist: what are the mecha-
nisms which lead to a threshsld stress behavior: and, for example, why does
the threshold stress depend on temperature? These questions lead to the area
of micromechanistic modelling in which comsiderable advances appear to have
been made in the recent past.

Micramechanistic Models for the Effect of
Dispersoid Particles on Creep

The justificetion of a threshold stress behavior in terms of dislocation
theory has been a research subject over the past fifteen years, but the
mechanisms of dispersion strengthening in high-temperature materials seem to
have sluded @ full description up to now. Early papers sought an explanation
in terms of the Orowan process end its thermal acrivation (24). But once the
threshold stresses were found to be generally lower than the Orowan stress
of the particle dispersion, further models focusased on the process by which
dislocations can circumvent hard particles, expescially by climbing around
them. Fellowing detailed transmission electron microscoping of this process,
more attention has been paid recently to che interaction hetween dispersoid
particles and the dislocations.

These theoretical developments are briefly summarized below. The creep
behavior of dispersion-strengthened aluminum alloys is then interpreted in
the light of the most recent developments in this fisld, Perhops the most
important result from a fundamental point-of-view is that a "true" threshold
stress does not exist, but that for practical purposes - where finite strain
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rates are considered - a “threshold stress behavior” is a useful approxima-
tion. These findings also lead to practical conclusions with respect to al-
loy design.

Dislocation Climh Models

When the disperseid parcicles are considered as impenetrable glide qb-
stacles which force the dislocations to climb a certain distance until they
cen continue to glide, a retardation of crecp is predicted but a threshold
stress behavior cannot be explained in this way (25). Only by realizing that
the dislocation has to ineremse its line length in order to surmount che
dispersoid, can & climb-related threshold stress be justified. This process
has been modelled by Brown and Ham {26) and Shewfelt and Brown (27). who as-
sumed that climb is "local'; this means that only the partion of the dislo-
cation which is in close proximity with the particle-matrix interface under—
goes climb while the remaining segment scays in the glide plane (fig. i2a).
The resulting minimum threshold strass for climb is proportional to the
Orowan stress:

—1&

o‘thzf:'o' RC -

ar (1)

with C % 0.7 for cubes (as in fig. 12a) and C = 0.4 For spheres,

¥hile the assumption of "local" climb predicts threshold stress values
of correct order-of-magnitude (see fig. 11), the postulate concerning dislo-
cation shape in the vicinity of the dispersoild particle must be regarded as
an unduly restrictive. Lagnehorg (2B) has argued rightly that lecal climb
would be an extreme non-equilibrium process: the sharp bend in the disloea-
tion at the point where it leaves the particle~matrix interlmce willl in
reality be rapidly relaxed by diffusion, leading to more "general" climb.
Because the additlionmal line length required is much reduced, only a small
climb~related threshold stress would be predictad. Lagneborg's argument

Seems convincing: his medel, however, does nort treat the full Iiineties of
the modified climb process.

glide plane

a)

Figure 12 - Dislocation geometries during climb
over a simple cuboidal particle:

a) ::lﬁcal“ climb: the sharp dislacation curvatures
at "C" represent unrealistically high energies (26)
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b) "equilibrium" climb: the chemical potential
for vacancies along the curved dislocatlion segment

matches the chemical potential along the segment at
the particle (29).

We have recently reconsidered the pr
boidal particles (29). The only assumpt
metry was that of local equilibrium {Fi

ocess of dislocation climb over ou-
lon concerning the dislocation geo—
g. 12b): the chemical potential for

idly established by short-range diffu-

sion, compared to the supply of new vacancies, which reguires diffusion over

Cypically one particle spacing.

Two importent results emerge from this treatment of "
1} the extent to which climb ig localized in the vicinit
particle increnses with epplied stress, but truly "lecal” elimb is always
unstable, and 1i} climb-related threshold Stresses are far below experimen—
tel values. The constitutive equation for "equilibrium climb" ig (29}):

equilibrium climb":
¥y of the dispersoid

4 T

o-o n
e =20A oy any (thy (5)
T e PPV %r

where A = 60 - 107 1-98 . (g,
. h 0.2
n = 3.6 ﬁo 3 5 { E)

T 2h
Ok = %or sin ( =7 tan fip)

(p is the density of mobile dislocations, G the shear modulus, b the magni-
tude of a lattice Burgers vector, ky Boltzmann's constant, T the absolute
temperature, d, h and (I are particle width, height and angle according to
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i is the eross section of a dislaoca-
fig. 12b, & is the particle spacing, aple ot
tign core times its diffusivity, Dy is the volum_e diffusivity, o t?:a applied
gtress. ofip, =2 threshold stress for "general” climb and aor the Orowan
stress, )

When the theoretical stress~dependence of 'the creep rato is plotied
graphically, it is seen that "equilibrium climb"”, with a typical stress ex-
ponent of about 4, fails to predict the threshold-stress bel}aﬂﬂ}‘ al disper-
sion-strengthened materials. Thus, if the only effect of dispersoid partic-
les consisted in forcing the dislocations to climb over them, they would be
weak barriers to deformation at high temperatures.

We note in passing that “equilibrium climb" offers a good qualitative
explenation for the [much less stress-sensitive) creep behavior of m_ateria.ls
with coherent particles. There the climb process seems to be dominant at
high temperaztures. By contrast, dispersion—strengthened materials witl‘_\ cohe-
rent disperseids must derive theifr excellent creep strength from a different
mechani sm.

A Model Allowing for Attractive Dispersoid-Disloecation Interaction

In the scarch for a genuine dispersion strengthening mechanism operative
at high temperature, attention has only recently turned to the details of
the possible interactions between dislocations and hard, incoherent partie-
les. Nuch insight has been gmined by transmission electron microscopy of the
dislocation configurations in creep—tested materizl, The field has also re-
ceived theoretical support in the form of continuum-mechanics calculations
of the high temperature effects on dislocatlon-particle forces. Finally,
these elements have lead to a new model for dispersion strengthening which
probably applies to most dispersion-hardened high-temperature materlals.
Host significantly, the properties of the interface batween the dispersoid
particle and the matrix are found to be decislve for Lhe properties of the
material, as will be described below.

Transmission Electron Microscopy of Dislocation Configurations, The most de~
tailed TEM study to date has not been performed on mn aluminum alloy, but

rather on a dispersion-strengthened nickel-base superalloy (30,31,32). This
alloy was creep-deformed at zbout 80 % of ils absolute splidus temperanture
and under stresses well bolow the Orowan stress of the particle dispersion.
TEM micrographs show unambiguously that the dislocations are always captured
in the process of detachment from the dispersoid after climb ia completed.

TEM micrographs of the ereep-tested aluminum allays show in principle
the same dislocation configurations {fig. 13). In particular, the disloca-
tion interaction with the oxide particles can be well observed, whereas the
more irregular morphelogy of the carbide dispersotlds makes the interpreta-
tion of the dislocation contrast in the vicini ty of the dispersoid difficult
{compare fig. 9a). Thus, although the aluminum alloys studied are less well
suited for a full quantitative evaluation of the micrographs,
evidence that strengthening occurs by the same mechanism,

Overall, the TEM studies provide strong evidence that particle by-pass
by climbing dislocations is indeed not controlled by the elimb process but
by a resistance to dislocation detachment from the dispersoids. In other
words, the beneficial effect of disperseid particles on high temperature

creep would have to be attributed to sn attractive particle-dislocation in-
teraction.

they suggest
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Figure 13 - TEM mierograph of dislocation-dispersoid configura-
tions in AlCO, creep deformed mt 673 K and ¢ = 1.0x10™6 5=, An

attractive interaction between disloeations and dispersoids is
evident.

This conclusion is consistent with recent theoretical studies by Srolo-
vitz et al. (33}, who have shawn that at high temperature the slastiec inter—
actlons between particles and dislocations can be reversed: even an infini-
tely hard particle (which repels disloentions at low temperatures) will pra—
vide a strong attroctive forece, provided it ia incoherent with the matrix,
The reason is that slipping of and diffusion along the particle-matrix in—
terface rapidly relaxes shear and, to mome extent, hydrostatic stresses im-
posed on the particle by the approaching dislocation. This allows a lower

line energy to bae obtained in the vieinity of the Interface, and leads to an
attractive interaotion.

Detachment~Controlled Dislacation Motion: A New Constitutive Equation for
Dispersion-Strencthened Hich-Temperature Materials. When a dislocation
climbs over a disperanid particle which exerts an attractive force, it gene-—
rally “feels" two types of barriers! When climbing up-hill. the dislocation
line length increases, and the energy necessary has to be supplied by the
external stress; down-hill climb occurs spontanecusly at first, but then the
dislocation runs up against the barrier to detachment from the dispersoid.
The question which new arises is: under what condition does the detachment
event asstme control of the total by-pass process?

This problem has been treated by Arzt and Willtinson (34}, whe czleculate
the back stress profiles for a dislosation climbing "locally" as a function
of the strength of the attraective interaction. The results show that the
first barrier leads to a "climb threshold" of the following form:

B/2
o, = 0.4 » k

1 ©

The "detachment threshold” amounts to:
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Figure 13 - TEM micrograph of dislocation-dispersoid configura-
tlons in AlQD, creep deformed at 673 K and € = 1.0x10-6 s-1. An

attractive interaction between dislocations and dispersoids is
evident.

This conclusion {5 consistent with recent theoretical studies by Srolo~
vitz et al. {33}, who have shown that at high temperature the elastic inter—
actions belween particles and dislocotions can be reversed: cven an infini-
tely hard particle (which repels dislocations at low temperatures) will pro-
vide a strong attractive farce, provided it is incoherent with the matrix.
The reason is chot slipping of and diffusion alang the particle-marrix in-
terface rapidly relaxes shear and, to some extent, hydrostatic stresses im-
pased on the purticle by tho approaching disloeation. This allows a lower
line energy to be obtained in the vicinity of the interface, and leads to an
abttractive Interuction.

Detachment-Controlled Dislocetion Mation: A New Constitutive Equation for
Dispersion-Strenpthened High-Temperature Materials. When a dislocation
climbs over a dispersoid particle which exerts an mttractive foree, it gene-
rally "feels" two types of barriers: When elimbing up-hill, the dislocation
line length increases, and the energy necessary has tn be supplied by the
external stress; down—hill climb occurs spontaneously at first, but then the
dislgcation runs up against the barrier to detachment from the dispersoid.
The question which new arises is: under what condition does the detachment
event assume control of the total by—pass process?

This problem has been treated by Arzt and Wilkinson {34), who calculate
the back stress profiles for a dislocation climbing "locelly" as a Function
of the strength of the attractive interaction. The results show that the
first barrier leads to a "climb threshold" of the following Form:

nr2
¢

= 6
e 0.1 o 1 (6)

The "detachment threshold™ amounts to:
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2
o4 = 1-% % (7)

The interaction strength is determined by the value of k, which is the ratio
of the reduced line energy at the particle to that of a dislocztion segment
remote from the particle, For k = 1, no dislocation relaxation and thus no
attractive interaction occcurs, and the detochment threshold (eq. 7) van—
ishes; k = 0 signifies full relaxation, which results in the maximum detach—
ment stress o4 = og; and zero climb threshold (eq. B},

In fig. 14, the two threshold stresses are displayed graphically as a
function of k. The comparison illustrates an essential point! only a very
medest attractive interaction, corresponding to a relaxation of about 6 %
{k ¥ 0.94). 1s required in order for dislocation detachment to become the
event which controls the threshold stresas. Recently, also a kinetic model
for dislocation climb past an attractive particle has been developed (35).
The theoreticel predictions confirm that only attractive particles can pra-
duce a2 threshold stress behavior.

=
(=]

o
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Detachment
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(o]
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47 06 08 10
Relaxation Parameter , k

Figure 14 — Comparison of climb threshold with detachment
threshold, as a function of the interaction parameter k

(k = 1: no attraction, k = 0: maximum attraction)., Only a
small attractive interaction (k % 0.94} is required for
the detechment threshnld to control tha dislocation motion.

Up to now the detachment threshold has bean regarded ms sn "athermal"
threshold stress. We therefore turn to the question how the detachment
threshold can be affected by changes in temperature, To this end, the possi-
bility of thermally-pctivated dislocation detachment must be considered. For
spherical particles, the nctivation cnergy for detachment can be calculated
Tigorously (36); a suitable approximation is given by:

vaa® 5 [(1—k}(1~o/gd)33/2 (8)

where r is the particle radius and oy the athermal detachment threshold.
This expression goes to zero for k = 1 (no attraction) or @ = g4, as re—
quired.
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If the detachment resistance is considered to be the only barrier to
dislocation motion, then a constitutive equation can formally be obtained by
inserting the activation emergy in an Arrhenius expression (37):

Cb2r[ (1-k) (1070 -

YT (9)

Hera, ¢ is the macroscopic strain rate, and 4o an equivalent strain rate,
e.g. the strain rate for k = 1 for which eq. 5§ should be chosen.

é=t’;o-exp{-

The constitutive equation thus obtained differs formally from the semi-
empiriecel expression eq. 3: it does not predict a "true" threshold stress
but only a region of high stress sensitivity. From a fundamental point-of-
view such a behavier is much more reasonable than a "true" deformation
threshold: it is in agreement with the Second Law of Thermodynamics, accord—
ing to vhich the rate of entropy production in a thermally activated system
must always be non-zero. For practical applications, however. it can be
shown that the constitutive equation approaches an equation of the form of

eq. 3, with an "apparent” threshold stress which varies with temperature and
with £n &.

Before leaving the area of micromechanistic modeiling, it should be
stressed that the account given above of the developments in theory has been
necessarlly brief. The interested reader is referred to the detailed publi-
cations eited in the text. Also, important Further developments, such as the

treatment of particle statistics by computer similation., are still in pro-
ETBSS.

Interpretation of Creep Results on AlC Allovs

Now we return to the creep behavier of the dispersion—strengthened alu-
minum alloys described earlier in the text. An attempt will be made to in-

terpret the results in the light of the theoretical developments outlined
sbove.

The constitutive equation (eq. 9) contains the unknown k. whose value
can be estimated by evaluating the actual creep data. One possibility is to
match the theoretical and the experimental strass dependence of the creep
rate {36). The results of this exercise are tabulated in table III.

Table I1I. Jnteraction factors k obtained by data evaluation

Alloy Alco Alc2 AlMg4c AlFeCe

k at 573 K| 0.89 0.86 0.86 0.54

It is seen that the creep behavior of AICQ can be explained by assuming
that a dislocation experiences, on aversge, a reduction of its line energy
in the vicinity of a dispersold particle by 11 % (k = 0.89). Carbide disper-
solds seem to be more efficlent obstacles, mchieving a reduction of about
14 % (k = 0.86 in AIC2, AlMgdCl).

It is instructive to apply this concept also te other high-temperature
aluminum alloys. For example, the creep data of an Al-S.4Fe-3.6Ce alloy
studied by Nix (23) can be readily interprered when the interaction factor
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is set to k = 0.94. This implies that the precipitates present in this rap-
idly solidified alloy appear to be only weakly attractive obstacles for dis-
locations., In sueh a case, thermally activated detachment ol dislocations
occurs easily, and a poorer high—temperature stirength, compared to alloys
with a stronger dispersoid-dislocation attraction, is predicted. This 1is
consistent with the conclusion stated by Nix that the weakening ol the alloy
with increasing temperature is not due to thermal instability of the preci-
pitates. In this particular fine-grained alloy, however, the contribution of
the grain boundaries to the drop in strength is not totally clear, While thse
abogve interpratation should therefore be regarded as tontative, it illus-
trates a possible procedure for evaluating the potential of dispersion-
strengthened high~temperature alloys: based on creep rate measurements, in-
formation on the effectiveness of dispersoid particles as dislocation obsta-
cles at high temperature can in principle be obtained,

Conclusion

The focus of this paper has been on reuction-milled aluminum alloys,
whose high-temperature creep behavior has been investigated. An account has
been given of recent developments in the theory of dispersion strengthening
at high temperatures. While some details still need te be solved (e.g. in-
fluence of particle statistics), an attempt has been made to interpret the
creep data In the light of a new model-based constitutive equation. It has
been shown that this approach allows the creep behaviar of dispersion
strengthened alloys to be explained by aseribing a certain dislocation at-
traction effect to the dispersoid particles. Thus from macroscopic mechani-

cal data, information on the effectiveness of the particle dispersion can he
obtained.

Thesa considerations also allow some qualitative conclusions an alloy
deslgn to be drawn. A trivial requirement is to aim Ffor a high Orowan
stress; this implies a small dispersoid spacing - possibly even smaller than
what can be obtained by today's mechanical alloying techniques. There is a
limit to the [ineness of a particle dispersion which is set by the propen-
sity to thermally-sctivated dislocation detachment from the dispersotds: the
particles should generally be of the order of, say, 10 =m. A requirement
which is in conflict with the need for not-ton—small closely-spaced disper-

solds is ductility, vhich decreamses with increasing volume fraction of dis-
persoid.

In order to achieve optimum high-temperature strength in a dispersion-
strengzthened alloy, much attention should also be paid to the interface he—
tween the dispersold particle and the matrix. This interface should allow
maximum relaxetion of a climbing dislocation, which points to a high inter-
facial energy. The “"more coherent” = particle gels, the less efficient it
becomes as an obstacle to dislocations at high temperatures. This sxplains
why the high-temperature strengths achievable by coherent precipitares can

never watch those due to incoherent dispersoids. even whan the precipitates
are relaetively stable.

Finally, when judging the potential of dispersion—strengthened materials
for high~temperature applications, it should he realized that a dreop in
strength with increasing temperature can he due to st least three diffarent
effocts: i) most trivial, thermal instability of the dispersoid particles,
11) = decreasing effectiveness of the diepersoid particles as dislocation
obstacles at high temperatures, and 141} the onsect of grain boundary proces-
ses. Item i) is often cited as an ed-hoc explanation for poor high-tempera-
ture strength, but does not always necessarily apply. Even a thermally
stable particle dispersion may be unsuitahle Ffor high-temperature use bha-
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cause of an Insufficient attractive intera
dispersoids (item 11). Finally,
structure 13 bound to lose its

ction between dislocations and
it should be remembsred that a fine-grained
strength at high temperatures because of
amage formation. When these processesa occur,
the dispersion strengthening cffect disappears in the alloy. This is also

true for aluminum alloys (as has been shown above); when considering them
for real high temperature applications, especially at low stresses and long

expected life times, a grain-coarsening treatment may eventually be inevit—
able.
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